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ABSTRACT: We investigate the influence of chain architecture and microdomain orientation on the deformation
and fracture properties of relatively thick films (600-800 nm) of poly(cyclohexylethylene)-poly(ethylene)
(PCHE-PE) block copolymers with various architectures. Optical microscopy, transmission electron microscopy,
and scanning force microscopy are used to study the domain structure as well as examine the details of deformation
and fracture of films stretched on ductile copper grids. For lamellar block copolymers the deformation and fracture
properties depend significantly on the chain architecture. Annealed diblock copolymer films containing 48% PE
show 100% failure at very low strains of 5% with a median strain to failure of 2%, whereas the lamellar triblock
(CEC) and pentablock copolymer (CECEC) films do not fail at strains up to 27%. However, a 50/50 blend of
diblock (CEMW ) 22 kg/mol,fPE ) 0.48) and triblock (CECMW ) 45 kg/mol,fPE ) 0.48) copolymers shows
a median strain to failure of about 6.4%. A 50/50 blend of the same diblock and pentablock (CECECMW ) 66
kg/mol, fPE ) 0.48) copolymers, on the other hand, does not show any failure at strains up to 27%. Experiments
on a cylinder-forming pentablock copolymer (CECECMW ) 60 kg/mol,fPE ) 0.25) with slow ordering kinetics
show that the maximum ductility with no failure at the maximum strain of 27% is obtained if the PE cylinders
are randomly oriented (spun-cast films). Films having cylinders that are aligned parallel as well as perpendicular
to the tensile direction (annealed for 3 days with cylinders lying down in the plane of the film) show a reduction
in ductility with 30% failure at the maximum strain. As the proportion of cylinders aligned perpendicular to the
tensile direction is increased (by increasing the annealing time to 7 days, the top half of the film shows cylinders
that align normal to the film plane), 100% of the film squares fail at the maximum strain of 27% with a median
strain to failure of about 19%. Moreover, in a film half as thick (∼300 nm), after a 7 day anneal, the perpendicular
orientation persists throughout the film thickness. This sample shows complete failure at about 22% strain with
a median strain to failure of about 15.7%. These results indicate that the orientation of the cylinders in the films
has a strong effect on the mechanical properties of this pentablock copolymer, similar to conclusions reached
previously for the triblock copolymer architecture. The results obtained in these studies are compared with those
reported in previous works for the same system to ascertain the relative effect of chain architecture, microdomain
orientation, and composition on the mechanical behavior of the block copolymer thin films.

Introduction

Glassy amorphous polymers exhibit desirable characteristics
such as excellent optical clarity, low density, and easy process-
ability, thereby making them ideal candidates for engineering
applications. However, they are often extremely brittle due to
their high entanglement molecular weight (Me) (low entangled
strand density).1 The deformation mechanism as well as the
extensibility of a glassy polymer is influenced strongly by its
network structure, namely entanglements and cross-links. Films
of polymeric networks with a high entangled strand density or
a high cross-link density tend to form shear deformation zones.
Fracture rarely initiates in such shear deformation zones.2 On
the other hand, a low entangled strand density (highMe)
predisposes the polymer to form weak crazes with high
extension ratios and lower volume fractions of craze fibrils,
which subsequently undergo premature failure. Hence, the
molecular weight of a polymer needs to be far above itsMe in

order for it to be useful for any structural applications. Since
processability of high molecular weight polymers is not an easy
task, other alternatives are desirable. Addition of rubber particles
to the polymer matrix is a method that has been successfully
employed in the past to overcome this inherent brittleness for
glassy polymers.3 However, this gain in mechanical toughness
is offset by a loss in optical properties due to the refractive
index mismatch of the matrix and the large rubber particles.4

Hence, for applications requiring high transparency, this method
has a serious drawback.

Block copolymers, containing a glassy and a rubbery block,
have the ability to relieve the undesirable brittleness of glassy
homopolymers, while retaining their desirable optical charac-
teristics.5 The mesoscopic self-assembly of the block copolymer
in the molten and solid state, driven by chemical immiscibility
between the different blocks,5 gives rise to a variety of
microphase-separated structures with a typical domain size of
5-100 nm. Optical homogeneity of the block copolymer can
be ensured if the domain size is small enough. In addition, a
rubbery block with a lowMe can circumvent the predisposition
to failure of unentangled glassy polymers. However, proper
design of block copolymers is essential for the development of
useful materials that will satisfy the requisite criteria for specific
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applications. Molecular weight, composition, morphology, chain
architecture, orientation of the microdomains, and thermal
history of the block copolymer are the main factors that
determine its final mechanical properties. Early work by Matsuo
et al. on the mechanical properties of polystyrene-polybutadiene
(PS-PB) block copolymers showed that triblock (SBS) and
tetrablock (SBSB) copolymers were ductile, whereas diblock
(SB) and triblock (BSB) copolymers with the glassy block in
the middle were brittle.8 In a series of papers, Weidisch and
co-workers have shown that the block copolymer morphology
and composition have a strong influence on the mechanical
properties of poly(styrene-b-butyl methacrylate) (PS-PBMA)
diblock copolymers. They observed that the mechanical proper-
ties of PS-PnBMA (26% PnBMA) are better than that of pure
PS homopolymer,9 and microphase-separated block copolymers
show a considerable improvement over disordered block
copolymers which exhibit a mechanical behavior that is similar
to pure PS.10 They also compared the mechanical behavior of
different morphologies and reported that diblock copolymers
with bicontinuous structures (39% PS) are tougher than diblock
copolymers with a lamellar morphology (50% PS).9 Another
work reported the effect of the strength of segregation (øN) on
the mechanism of deformation.11 Recently, they have also
reported a transition in deformation mechanisms from crazing
to shear deformation with a change in architecture from triblock
to star block.12 In a recent work, Adhikari and Michler have
examined the effect of molecular architecture on the phase and
mechanical behavior of amorphous styrene/butadiene diblock
copolymers.13 By keeping the molecular weight and composition
constant and changing the chain architecture, they were able to
adjust the mechanical response over a wide range and study a
variety of micromechanical deformation mechanisms in different
morphologies.

Poly(cyclohexylethylene) is a glassy amorphous polymer that
has excellent optical properties with desirable thermal charac-
teristics. Excellent clarity, UV stability, low birefringence, and
a high glass transition temperatureTg () 145 °C) make it a
promising candidate for industrial applications.14 However, it
is extremely brittle due to its high entanglement molecular
weight (49 000 g/mol).14 To circumvent the problem of brittle-
ness of the homopolymer, poly(cyclohexylethylene)-poly-
(ethylene) (PCHE-PE) block copolymers can be designed. Such
block copolymers are capable of segregating at the nanoscale
level into cylindrical or lamellar morphology. Previously, Ryu
et al. have shown that PCHE-PE cylinder-forming triblock
copolymers show moderate improvement in the mechanical
properties relative to the glassy homopolymer. However, when
the chain architecture is changed from triblock to pentablock,
keeping the molecular weight and composition constant, a brittle
to ductile transition is observed.15 They attributed this enhance-
ment in toughness to the presence of a glassy C midblock
between the two rubbery E blocks. Ruokolainen et al. then
investigated the effect of thermal history and microdomain
orientation on the deformation and fracture of cylindrical
PCHE-PE triblock copolymer (CEC) films.16 They observed
that the behavior was strongly dependent on the amount of
physical aging in the glassy PCHE domains and on the
orientation of the PE microdomains. A random or parallel
orientation of the cylinder axes relative to the direction of strain
produced a more ductile behavior as compared to a perpen-
dicular orientation. Also, elimination of physical aging enhanced
the toughness of the block copolymers. However, crystallization
conditions of the PE block do not affect the mechanical

properties of the block copolymer. Hermel et al.17 compared
the mechanical behavior of shear aligned bulk CEC and CECEC
lamellar block copolymers. They observed that when the strain
is applied in a direction perpendicular to the lamellar normal,
the triblock shows a brittle response whereas the pentablock
exhibited a ductile behavior. They attributed the difference in
the behavior to the presence of C midblocks between the E
domains. They hypothesized that for the triblock the brittle
failure occurs through the glassy PCHE domains. The penta-
block deforms with the onset of shear yielding in the PE
domains, followed by necking and drawing and finally strain
hardening before rupture. Mori et al.18 studied the mechanical
behavior of bulk samples of a blend of a triblock and pentablock
and found that addition of just 10 wt % of the pentablock to
the triblock results in a dramatic improvement in the mechanical
response of the triblock when stretched in a direction perpen-
dicular to the lamellae normal.

The aim of this work is to achieve a complete understanding
of the factors affecting the mechanical behavior of these block
copolymers by investigating two more factors affecting the
mechanical properties. In the first part, the effect of chain
architecture in films of lamellar block copolymers is investi-
gated. The deformation mechanisms and fracture statistics for
the various architectures are discussed, and an attempt is made
to understand the differences in the micromechanical behavior
based on the structure of the block copolymers. In the second
part, the effect of microdomain orientation on the mechanical
properties of cylindrical PCHE-PE pentablock copolymer
(CECEC) is investigated. A slow change in orientation of the
pentablock cylinder microdomains is observed with annealing
time, from a random orientation to one perpendicular to the
film surfaces. Our results suggest that even for the tough
pentablock architecture, differences in the mechanical behavior
are observed with changes in microdomain orientation. The
results obtained in this work are compared and related to the
data from previous work in order to obtain a more comprehen-
sive picture of the mechanical behavior of this block copolymer
system.

Experimental Procedures

Materials and Film Preparation. The PCHE-PE block co-
polymers were synthesized at the Dow Chemical Company. The
synthesis involved heterogeneous catalytic hydrogenation of poly-
styrene-polybutadiene (PS-PB) block copolymer precursors.19

After hydrogenation, the PE blocks contained an average of 26 ethyl
branches per 1000 backbone carbons. This was due to the 10% 1,2
monomer addition in the PB block. The polyethylene weight fraction
was 0.48 for the lamellar block copolymers and 0.25 for the
cylindrical ones. For the sake of convenience, a nomenclature is
adopted for the different block copolymers where the C refers to
the poly(cyclohexylethylene) block and E corresponds to the poly-
(ethylene) block. Hence, CE stands for a diblock copolymer and
CEC stands for a triblock copolymer with a poly(ethylene)
midblock. The names are followed by a 4 digit number. The first
2 digits indicate theMW in kg/mol, and the next 2 give the weight
fraction of poly(ethylene) in the block copolymer. As an example,
CEC45.48 is a 45 kg/mol triblock copolymer containing 48% poly-
(ethylene). The molecular weights and composition of the block
copolymers used in this study are listed in Table 1.

Uniform thin films of the block copolymer were spun-cast from
hot decahydronaphthalene solutions on hot NaCl substrates at 2500
rpm for 40 s. The temperature of the substrate was maintained at
120 °C using an IR lamp with a voltage regulator. The resulting
films were about 600 nm thick for the cylindrical block copolymer
and about 800 nm thick for the lamellar block copolymers. The
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higher viscosity of the lamellar block copolymer solutions due to
the higher weight fraction of PE, the poorly solvated block, results
in thicker films. The block copolymer films were then annealed at
a specific temperature for the required time (see Table 1). The
annealing was done under a vacuum of about 10-8 mbar. The
specific annealing temperature was chosen such that it was
sufficiently above the glass transition temperature of the glassy
PCHE block but below the order-disorder transition temperatures
of the block copolymers. Since the glass transition temperature of
the PCHE is 145°C, the chosen temperature ensures that the block
copolymer is ordered in the melt before the glassy matrix vitrifies.
The films were allowed to cool slowly to theTg of the glassy block
and then were quenched to room temperature to avoid any physical
aging.

Fragility Tests. The copper grid technique was used to inves-
tigate the deformation and fracture mechanisms of the block
copolymers.1 Annealed films were floated off the NaCl substrates
onto the surface of a water bath. The films were picked up on ductile
copper grids which had been previously annealed at 600°C for 10
min and dip-coated with a thin layer of PCHE homopolymer. To
bond the film to the homopolymer coating on the grid, a short
exposure of the mounted film to toluene vapor was carried out.
This ensures uniform bonding of the film around the periphery of
each grid square. This exposure also relaxes some of the biaxial
orientation in the film. This causes the film to shrink in area and
pull taut over each grid square. The residual toluene vapor was

removed by drying the bonded film squares under vacuum
overnight. The films bonded to the copper grid were subsequently
deformed under tension at room temperature. Depending on the
film size and sample preparation, each copper grid contained about
25-35 individual polymer film squares. The polymer films were
deformed using a translation stage equipped with a motor and gear
head. The strain rate was adjusted to be about 1× 10-4 s-1. Periodic
inspection of each grid square under tension was carried out using
reflection optical microscopy to obtain information about craze
initiation and failure (Figure 1). Since individual film squares
undergo deformation independent of adjacent film squares, a reliable
statistical analysis was possible. The results from the fragility tests
reported in this paper were an average of four copper grid
experiments for each sample.

Scanning Force Microscopy (SFM).To characterize the domain
structures of the microphase-separated block copolymers, scanning
force microscopy measurements were performed using a Digital
Instruments Dimension 3000 and a Digital Instruments Nanoscope
IIIa. The microscopes were operated in tapping mode. TESP tips
by Nanodevices, which have a tip radius of∼10 nm and a spring
constant of∼40 N/m, were used for the scans. The SFM was
operated at the resonant frequency of the TESP tip (150-180 kHz).
The highest quality images were obtained under soft tapping
conditions at a scan rate of 1 Hz and a resolution (the number of
pixels per line) of 512 pixels. The mechanical and height contrast

Figure 1. Typical reflective optical microscopy images of block
copolymer films under tension depicting (a) deformation and (b) failure.

Table 1. Molecular Weight, Composition, Block Length, Annealing
Temperature, and Annealing Time of the

Poly(cyclohexylethylene)-Polyethylene Block Copolymers

polymer
chain

architecture
MW

(kg/mol) fPE (wt %)

PCHE
block

(g/mol)

annealing
temp
(°C)

annealing
time

(days)

CE22.48 diblock 22 48 11 400 220 3
CEC45.48 triblock 45 48 11 250 220 3
CECEC66.48 pentablock 66 48 11 450 220 3
CECEC60.25 pentablock 60 25 15 000 180 3, 7 Figure 2. (a) Tapping mode SFM phase image and (b) cross-sectional

TEM image of CE22.48 annealed at 220°C for 3 days.
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between the glassy PCHE and softer PE domains enables the
imaging of the microphase-separated domains of the polymer
films.20 Both height and phase images are obtained for the block
copolymer films. However, since better phase contrast is obtained
for this system, only phase images are reported in this study.

Transmission Electron Microscopy (TEM). The copper grid
technique also enables the structural investigation of the highly
deformed regions of the block copolymer using transmission
electron microscopy. Following the fragility test, a typical grid
square is cut from the copper grid using a razor blade and examined
using TEM. The plastically deformed copper grid holds the film
under tension during TEM imaging since the polymer film is bonded
to the grid square.

Cross-sectional TEM of the films was done in order to character-
ize the orientation of the microdomains. The films were floated
off the NaCl substrates onto epoxy substrates. The films were then
stained in RuO4 vapor for 20 h using a stabilized 0.5% RuO4

aqueous solution, obtained from Electron Microscopy Sciences. This
was followed by capping of the films with another layer of epoxy.
Film sections of 100 nm thickness were microtomed at room
temperature using a Leica Ultracut UCT ultramicrotome and a
diamond knife. The cross sections were imaged using an FEI-T20
TEM operated at 200 keV. Different degrees of staining of the
amorphous PE regions, the PE crystals, and the glassy PCHE matrix
by RuO4 vapor enables the necessary imaging contrast in the TEM.23

Electron Microscopy Image Analysis.An important determi-
nant of craze fibril stability is the craze fibril volume fractionνf or
its inverseλcraze, the craze extension ratio.1 The craze is observed
to widen by surface drawing while it preserves a constantλ, a
process similar to the cold drawing of a macroscopic fiber. Hence,
the craze extension ratio is the analogue of the so-called natural
draw ratio of the fiber. Brown21 and Lauterwasser and Kramer22

independently developed a method to measure the craze extension

ratio (λcraze) from measurements of the optical densities on the
electron image plates. The method is based on the principle that in
TEM the electron beam current density imaged after passing through
the objective aperture is exponentially attenuated according to the
thickness and density of the polymer located along its path (mass-
thickness contrast). If the exposure time of the image is adjusted
to fall within the linear response regime of the sensitivity of the
electron image plate, the optical density produced in the emulsion
on the image plate is linearly proportional to the electron-beam
current density. After obtaining the optical densities of the craze
(φcr), the film (φf), and a hole in the film (φh) from the electron
image plate locally, the relationship

givesνf or λcraze.

Results and Discussion

Effect of Chain Architecture on the Mechanical Behavior
of Lamellar Block Copolymers Films. Block Copolymer
Morphology.Three different architectures (diblock, triblock, and
pentablock) with symmetric compositions (fE ) 0.48) were used
in this study (see Table 1 forMWs, annealing temperatures, and
times). The block copolymer morphology was investigated using
scanning force microscopy and transmission electron micros-
copy. The three block copolymers have a lamellar morphology.
The diblock copolymer, however, shows PE crystals on the

Figure 3. (a) Tapping mode SFM phase image and (b) cross-sectional
TEM image of CEC45.48annealed at 220°C for 3 days. The associated
FFT for the SFM image, which is a ring, is shown in the inset. The
ring suggests that there are no preferred orientations for the lamellar
sheets in the film plane.

Figure 4. (a) Tapping mode SFM phase image and (b) cross-sectional
TEM image of CECEC66.48 annealed at 200°C for 3 days.

νf ) 1
λcraze

) 1 -
ln(φcr/φf)

ln(φh/φf)
(1)
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surface (Figure 2a), which suggests that the sheets might be
oriented parallel to the film plane. TEM images show that this
orientation persists throughout the film thickness (Figure 3b).
SFM images for the triblock (Figure 3a) and the pentablock
(Figure 4a) show that, on the surface, the lamellar sheets are
aligned perpendicular to the plane of the film. However, as the
Fourier transform (FFT) of the SFM image shows in Figure
3a, the lamellar sheets do not have any preferred orientation in
the film plane. TEM images show that the perpendicular
orientation persists throughout the film thickness (Figure 3b and
4). This unusual equilibrium orientation is caused by the entropic
penalty for looping of the lower surface energy midblock in
the parallel orientation coupled with the small difference in
surface energies between the PCHE and PE blocks. The
perpendicular orientation in the triblock and pentablock archi-
tectures thus has the lowest free energy. Since no looping is
necessary to have the low surface energy PE on the surface in
the diblock architecture, the parallel orientation is the lowest
free energy state in this case and persists throughout the film
thickness. The ordering behavior of the microdomains for this

system has been discussed in more detail in another paper
submitted for publication.

Deformation Mechanisms and Fracture Statistics.The mor-
phology of plastically deformed regions of films with different
architectures was investigated using the TEM procedure de-
scribed in the Experimental Section. All the samples undergo
deformation prior to failure. Figure 5a-c shows typical
deformed regions for the diblock, triblock, and the pentablock
architecture. The deformation and fracture statistics of the three
individual block copolymers (CE, CEC, and CECEC) were
determined using the fragility tests (Figure 6a,b).

The median strain to plastic deformation for the CEC45.48

triblock and the CECEC66.48 pentablock copolymers are 2.5%
and 2.9%, respectively (Figure 6a). They deform predominantly
by shear deformation with very little voiding in the deformed
regions (Figure 5b,c). The extension ratios of the deformation
zones for the CEC and CECEC block copolymer were calculated
to be about 2.9 using the image analysis described in the
Experimental Section. This value for the deformation zones is
slightly lower than the value that was reported for the extension
ratio of the deformation zones in a high-MW cylinder-forming
pentablock copolymer CECEC110.30.15 The difference may be
due to the coexistence of the crazes and deformation zones for
the latter (due to the lower weight fraction of the ductile PE
phase).

CEC45.48 and CECEC66.48 both exhibit an extremely ductile
behavior and do not show any failure prior to the end of the
test (Figure 6b). For these two block copolymers, there is no
observable effect of the chain architecture because the tests are
limited by the ductile fracture of the Cu grid at about 27% strain.
These low strains are not sufficient to cause failure in the
lamellar triblock and pentablock copolymers. The high content
of the highly entangled, ductile PE phase and the block
copolymer architecture is likely to be responsible for their ductile
behavior. CEC and CECEC block copolymers have glassy
PCHE blocks at the end. The glassy C end blocks act as physical
cross-links for the highly entangled and ductile E phase.
Previous studies on the SBS system have shown that as
compositional symmetry is approached and the PS and PB form

Figure 5. TEM images of typical deformed regions in (a) CE22.48, (b)
CEC45.48, and (c) CECEC66.48. Image a depicts a typical craze at 3%
strain. Images b and c depict deformation zones with minimum voiding
and were taken at 10% strain.

Figure 6. Cumulative number fraction of film squares that have (a)
crazed and (b) failed as a function of strain for CE22.48, CEC45.48, and
CECEC66.48.
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alternate layers, macroscopic neck formation prevails during
tensile deformation, and the glassy PS layers undergo large
plastic yielding.24,25Up to the strains accessible in our fragility
tests, the major deformation mechanism observed in CEC45.48

and CECEC66.48 is shear yielding, which corroborates the
hypothesis that the glassy C phase undergoes large plastic
deformation and the triblock and pentablock behave in a ductile
thermoplastic manner. It should be mentioned here that Hermel
et al.17 observed dramatic differences in the fracture behavior
of lamellar bulk CEC and CECEC block copolymers. They
observed that the pentablock copolymer exhibited an enhanced
ductility and tougher mechanical behavior as compared to the
triblock copolymer. However, in their studies, the strain was
applied normal to the lamellae normal. In our film samples,
the lamellar sheets are oriented perpendicular to the film plane.
However, since there is no preferred orientation in the plane of
the film and the grain size for any specific orientation is only
a few lamellar layers thick, there is no clear path for crack
propagation through the glassy PCHE lamellae, and incorpora-
tion of the ductile PE phase in the path of the propagating crack
is effectively accomplished. When randomly oriented micro-
domains are stretched in tension, the glassy C blocks prevent
chain pullout and the E block yields (as observed by Hermel et

al. for the pentablock copolymer17 and corroborated by our TEM
images in Figure 5b,c).

The diblock copolymer deforms predominantly by crazing
at the onset of the test. The median strain to plastic deformation
for the diblock is about 1% (Figure 6a). The crazes are
characterized by a coarse microstructure and local fibril
breakdown inside the craze (Figure 5a). The CE22.48film exhibits
100% failure at strains of 5% with a median strain to failure of
3% (Figure 6b). The failure initiates in grid squares by
macroscopic voiding immediately after the onset of plastic
deformation. The mechanical behavior is similar to that of the
PCHE homopolymer.15 It should be noted that despite the fact
that the diblock has a composition similar to the triblock and
the pentablock, it shows a low resistance to failure due to craze
formation and breakdown at small strains. The brittle behavior
of CE22.48 is attributed to its diblock architecture. Matsuo et al.
observed a similar behavior in SB diblock copolymers where
the PB block formed cylinders in a PS matrix.8 Despite the high
content of the ductile E phase and the favorable orientation of
the lamellar sheets (parallel to the applied strain) in CE22.48,
the lack of sufficient physical cross-linking for the E block due
to the absence the glassy C block at one end as well as the
short PE block length (11 kg/mol) facilitates chain pullout from

Figure 7. (a) Tapping mode SFM phase image and (b) cross-sectional
TEM image of a symmetric blend CEC45.48/CE22.48annealed at 220°C
for 3 days.

Figure 8. (a) Tapping mode SFM phase image and (b) cross-sectional
TEM image of a symmetric blend CECEC66.48/CE22.48annealed at 220
°C for 3 days.
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the PE lamellae during craze formation and widening in the
fragility test. As a result, the diblock copolymer merely fails in
a brittle fashion.

The above results clearly highlight the differences between
the brittle diblock architecture and the ductile triblock and
pentablock architecture. However, the results are not useful
when a comparison between the triblock and the pentablock
architecture is required. A different set of experiments was
performed in order to distinguish the fracture behavior of the
triblock and the pentablock architecture. These experiments are
discussed in the following section.

Mechanical BehaVior of Symmetric Blends: CEC45.48/CE22.48

(fCE ) 0.5) and CECEC66.48/CE22.48 (fCE ) 0.5). The fragility
test does not give any useful information beyond strains of 27%.
Since no failure is observed for both the triblock and the
pentablock at the end of the test (as is discussed in the previous
section), the mechanical behavior of the two architectures could
not be distinguished. To allow differences to be observed, the
triblock and the pentablock were blended with the brittle diblock
copolymer. It has been reported that the strategy worked for
blends of cylinder15 and lamellar18 forming triblock and pen-
tablock copolymers. In our study the blends were composed of
equal weight fractions of the two architectures (fCE ) 0.5).
Figure 7 and Figure 8 show SFM and cross-sectional TEM
micrographs of the CEC45.48/CE22.48 and CECEC66.48/CE22.48

blends, respectively, after a 3 day anneal. The morphology is
lamellar. The predominant microdomain orientation is perpen-
dicular to the film plane. However, for both of the blends,
parallel lamellar sheets at the bottom of the film are observed.
We believe that further annealing will produce complete
perpendicular orientation throughout the film thickness, as is
observed in the individual CEC and CECEC block copolymers.

Figure 9. TEM images of typical deformed regions in (a) CECEC66.48/CE22.48 at 10% strain and (b, c) CEC45.48/CE22.48. Image b shows a region
of local fibril breakdown at the craze film interface at a strain of 6%. Image c shows a region of macroscopic failure in the blend at a strain of 8%.
Note that at the craze void interface the orientation of the lamellar sheets is perpendicular to the strain direction (indicated by the arrows).

Figure 10. Cumulative number fraction of film squares that have (a)
crazed and (b) failed as a function of strain for CEC45.48/CE22.48 and
CECEC66.48/CE22.48.
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The deformation mechanisms and the deformation and failure
statistics for the CEC45.48/CE22.48and CECEC66.48/CE22.48blends
are more indicative of the differences in the fracture behavior
of the triblock and the pentablock architecture as well. The
CECEC66.48/CE22.48blend deforms plastically at a median strain
of 2% (Figure 10a), and the predominant deformation mecha-
nism is crazing (Figure 9a). The craze extension ratio for the
CECEC66.48/CE22.48 blend was calculated to be about 4.0. The
changes in the deformation mechanisms and the craze extension
ratios for the blend as compared to the individual block
copolymer (which deforms predominantly by shear) suggest that

the blending strategy worked and the diblock architecture was
responsible for this transition; the 50% content of the brittle
CE block copolymer initiates voiding in the deformed regions
and hence the blend crazes. However, the blend shows failure
statistics that are similar to the original CECEC66.48 block
copolymer; i.e., no failure is observed up to the end of the test
(Figure 10b). The reason for this ductile behavior is the
architecture of the pentablock copolymer. The presence of a
bridging C midblock between two soft E blocks in the
pentablock provides a way of transferring stress from one soft
E block to the other, thereby making it possible for the stable
craze fibrils to form within the E domains. Hence, despite the
high fraction of the diblock copolymer in the blend, the
pentablock still behaves in a ductile manner due to the midblock
bridging.

The CEC45.48/CE22.48 blend deforms at a median strain of
1.4% (Figure 10a). The blend deforms predominantly by crazing
with a craze extension ratio of about 4.2, which compares well
with the extension ratios calculated for a CEC cylinder forming
triblock copolymer (CEC107.29, λ ) 4.315). Moreover, pear-

Figure 11. (a) Tapping mode SFM phase image and (b, c) cross-sectional TEM image of a 600 nm spun-cast CECEC60.25 film. The film shows
very poor ordering with a random orientation of the PE cylinders.

Table 2. Median Strain to Failure, Total Failure, and Deformation
Mechanism for Lamellar Block Copolymers

polymer
median strain
to failure (%) % failure

deformation
mechanism

CE22.48 2 100% at 5% strain crazing
CEC45.48 >27 no failure deformation zones
CECEC66.48 >27 no failure deformation zones
CECEC45.48/CE22.48 6.4 100% at 11% strain crazing
CECEC66.48/CE22.48 >27 no failure crazing
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shaped void formation at the craze film interface was also
frequently observed (Figure 9b), which ultimately causes
macroscopic failure of the film. The blend films show 100%
failure at a strain of 10% with a median strain to failure of 6.4%
(Figure 10b). The triblock does not have a C midblock that
would enable the transfer of stress from one soft E layer to the
other. The substantial loss in ductility of the blend over that of
the individual lamellar CEC block copolymer is due to the
absence of the midblock, exacerbated by the addition of 50%
diblock copolymer in the blend. The orientation of the lamellar
sheets in the film plane is random with grain sizes that are only
a few layers thick. Since diblock copolymer films undergo brittle
failure regardless of their domain orientation and, in the absence
of the midblock bridging, the triblock copolymer chains that
are perpendicular to the applied strain are also susceptible to
failure (Figure 9c shows one such region), voids in the crazes
can grow to initiate macroscopic failure through the glassy
PCHE block in these regions. The voids initiate at the craze

film interfaces (Figure 9b) and eventually cause failure of the
film through the glassy PCHE matrix. Table 2 summarizes the
results for the lamellar block copolymers.

Effect of Microdomain Orientation on the Mechanical
Behavior of a Cylindrical Pentablock Copolymer. Previous
papers on cylinder-forming poly(cyclohexylethylene)-poly-
(ethylene) block copolymers have described the effect of chain
architecture (homopolymer, triblock, and pentablock)15 and
microdomain orientation in triblock copolymer films.16 In the
following sections, experiments were carried out that aimed to
understand the effect of microdomain orientation in a cylinder-
forming pentablock copolymer. The studies were possible due
to the slow ordering kinetics of CECEC60.25where the orienta-
tion of the PE cylinders in the films underwent a change from
random to parallel to perpendicular with increasing annealing
time.

Block Copolymer Morphology and Microdomain Orientation.
SFM and cross-sectional TEM images of the block copolymer
films for three different heat treatments are reported; an as-cast
sample, a sample annealed for 3 days, and a sample annealed
for 7 days. The as-cast sample clearly shows a cylindrical
morphology. The PE cylinders, however, show only very short
range order, as illustrated in Figure 11. After annealing for 3
days, the ordering is more pronounced. Cross-sectional TEM
shows that cylinders are oriented with their axes parallel to the
film interfaces (Figure 12). Annealing the films for 7 days results
in a reorientation of the microdomains. We observe that a large
fraction of the cylinders are oriented with their axes perpen-
dicular to the film surfaces. The perpendicular orientation seems
to initiate from the air-film interface and propagates through
the thickness of the film, as shown in Figure 13. However, since
the sample did not have microdomains that were aligned
perpendicular throughout the film thickness, complete unam-
biguity on the effect of microdomain orientation would be
lacking without investigating films in which the perpendicular
orientation persisted throughout the film thickness. To obtain
conclusive proof for this effect of microdomain orientation, one
more sample was prepared. Since cylinders in the top half of
the 600 nm thick film are oriented perpendicular to the surface
after a 7 day anneal, a film 300 nm thick was prepared and
annealed for 7 days to obtain the perpendicular orientation
throughout the film thickness. As shown in Figure 14a,b, the
desired orientation was achieved in the thinner film.

Previous studies have shown that for the PCHE-PE cylinder
forming triblock copolymers the microdomains orient perpen-
dicular to the film interfaces.16 This behavior is also observed
in the lamellar triblock and pentablock block copolymers, as
described in the previous sections. This unusual behavior for
the PCHE-PE system is attributed to the similarities in the
surface energies of the C and the E blocks. In the case of the
cylindrical pentablock copolymers, however, the kinetics of
microdomain ordering is slower than that for the triblock
copolymers with similarMW. A triblock copolymer CEC50.25,
when annealed at 190°C for 1 day, has the PE cylinders aligned
perpendicular to the film interfaces throughout the thickness of
the film.16 However, the pentablock copolymer under investiga-
tion, CECEC60.25, does not show the perpendicular orientation
of the cylinders after annealing for 3 days at 180°C. Ryu et al.
observed a similar trend for higherMW CEC107.29and CECEC110.30

block copolymers.15 The microdomains showed poor organiza-
tion for the pentablock architecture in comparison to the triblock
architecture. We believe that, due to the complex architecture
of the pentablock copolymers, the kinetics of orientation

Figure 12. (a) Tapping mode SFM phase image and (b) cross-sectional
TEM image of a 600 nm CECEC60.25 film annealed at 180°C for 3
days.
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ordering are slower as compared to the triblock copolymer, and
the poor organization of the microdomains may be a kinetically
trapped configuration. Also, the annealing temperature (180°C)
for the pentablock copolymer is in close proximity to both the
order-disorder transition temperature of the block copolymer
(190 °C) and theTg of the glassy block (145°C). Hence, the
smaller annealing temperature window available for the pen-
tablock copolymer relative to the triblock copolymer may also
result in a slower organization of the microdomains.

Craze Microstructure and Extension Ratios.Differences are
also observed in the mechanism of deformation for the four
samples. The predominant mechanism of deformation for 3 day
annealed and 7 day annealed samples was crazing (Figure 15b-
d). The craze microstructure is characterized by small main
fibrils that are interconnected by short cross-tie fibrils embedded
in a continuous void space. However, for the 7 day annealed
samples (300 and 600 nm thick), we observe a large number of
pear-shaped voids at the craze film interface that eventually grow
as subcritical cracks as the film is further strained (Figure 15c,d).
The as-cast samples also exhibited crazing as the main deforma-
tion mechanism. However, crazes coexisting with shear defor-
mation zones were observed frequently (Figure 15a). At higher
strains, the crazes did not exhibit further voiding at the craze

film interface. This coexistence of shear deformation zones and
crazes further suggests that the ductile PE phase is incorporated
most effectively for the as-cast random morphology. This
effective incorporation of the highly entangled PE phase
probably raises the crazing stress above the shear deformation
stress, thereby making it easier for the films to deform by shear
than by crazing.1,26

All the images analyzed were for crazes at strains of about
10%. The craze extension ratios of 4.1 for the four samples
were identical within experimental error. This is not too
surprising considering the fact that the samples have the same
composition, molecular weight, and architecture. The extension
ratio of the shear deformation zones for the as-cast sample was
calculated to be around 3.4 for CECEC60.25. Ryu et al. observed
a craze extension ratio of 3.9 for CECEC110.30 and 4.3 for
CEC107.29.15 For the shear deformation zones for CECEC110.30,
they observed a value of 3.1. The pentablock architecture for
both the 60 and 110 kg/mol block copolymers shows a lower
λcrazerelative to the triblock architecture. This implies that the
enhanced toughness of the pentablock architecture due to the
bridging C block between the two soft E blocks, as hypothesized
by Ryu et al.,15 is evident even when theMW of the CECEC
(60 kg/mol) is reduced to almost half of that of the CEC block
copolymer (107 kg/mol).

Deformation and Fracture Statistics.The deformation sta-
tistics for the three 600 nm thick films were determined using
the fragility tests. All the samples undergo plastic deformation
prior to fracture. As can be seen in Figure 16a, the median strain
for the onset of plastic deformation is about 2.5% for the as-

Figure 13. (a) Tapping mode SFM phase image and (b) cross-sectional
TEM image of a 600 nm CECEC60.25 film annealed at 180°C for 7
days.

Figure 14. (a) Tapping mode SFM phase image and (b) cross-sectional
TEM image of a 300 nm CECEC60.25 film annealed at 180°C for 7
days.
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cast sample and is between 1% and 1.5% for the samples
annealed for 3 and 7 days. The deformation statistics for the
300 nm film annealed for 7 days are identical to those of the
600 nm film annealed for 7 days and hence are not included in
Figure 16a.

Figure 16b shows the fragility test results for failure statistics.
The median strain to fracture also showed considerable differ-
ences for the four different samples. The as-cast sample did
not show any failure until the end of the test (i.e., when the Cu
grid fails at strains of about 27%). 30% of the grid squares failed
by the end of the test for the sample that was annealed for 3
days. However, the two samples with different thicknesses that
were annealed for 7 days showed 100% failure by the end of
the test. The median strain to failure for the 600 nm film was
about 19% and for the 300 nm film was 15.7%.

As described earlier, the only difference that exists in the
four samples is in the microstructure. Previous work on the CEC
triblock copolymers has shown that if the microdomains are
either aligned randomly or parallel to the direction of applied
strain, the block copolymer exhibits ductile behavior since the
orientation is more effective in incorporating the ductile
polyethylene domains in the craze fibril structure and hence
the path of the advancing crack.16 However, if the cylinder axes
are oriented perpendicular to the film interfaces and hence
transverse to the direction of strain, brittle behavior was observed
since craze fibril failure and large void formation initiated in
the unentangled C end blocks. We believe that the pentablock

Figure 15. Transmission electron micrographs of plastically deformed regions in CECEC60.25 films. (a) A craze with a region of shear deformation
in a spun-cast film. (b) A typical craze in a film annealed for 3 days. (c) A typical craze in the 600 nm thick film annealed for 7 days. Formation
of large pear-shaped voids at the craze film interface is observed. (d) The voids cause local failure in the craze and eventually grow as subcritcal
cracks. The image is of a typical craze in the 300 nm thick film annealed for 7 days. TEM images a-c were taken at 10% strain. Image d was taken
at 15% strain.

Table 3. Median Strain to Failure, Total Failure, and Deformation Mechanism as a Function of Microdomain Orientation for CECEC60.25

microdomain orientation median strain to failure (%) % failure deformation mechanism

as-cast 600 nm film random, Figure 11 >27 no failure DZ+ crazing
3 day anneal 600 nm film lying down, Figure 12 >27 30% at test end crazing
7 day anneal 600 nm film mixed, Figure 13 19 100% at 25.6 strain crazing
7 day anneal 300 nm film standing up, Figure 14 15.7 100% at 22.3% strain crazing

Figure 16. Cumulative number fraction of film squares that have (a)
crazed and (b) failed as a function of strain for CECEC60.25 films that
were as-cast, annealed for 3 days, and annealed for 7 days. The failure
statistics for the 300 nm film annealed for 7 days (Figure 12) is also
included in (b) for comparison.
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architecture exhibits the same kind of behavior. For the spun-
cast sample, the pure random orientation of the microdomains
relative to the tensile strain direction ensures effective incor-
poration of the E domains in the deforming region. The 3 day
annealed sample has cylinders with axes that are predominantly
parallel to the film interfaces, but not all are parallel to the
direction of tensile strain. Hence, when subjected to a tensile
strain, voiding and cracking within the PCHE matrix may occur
relatively easily. The 600 nm thick film that was annealed for
7 days has a large fraction of microdomains where the
cylindrical axes are perpendicular to the film interfaces and
hence transverse to the direction of the strain. Hence, the film
is even more susceptible to the failure mechanism that has been
described above. The reduction in the ductility of the 300 nm
thin film over the 600 nm thick film, for the same annealing
time of 7 days, is due to the presence of the unfavorable
perpendicular orientation throughout the film thickness in the
former. The 600 nm thick film annealed for 7 days still exhibits
a parallel orientation of the cylinders near the substrate interface
which contributes to the slightly improved fracture statistics over
the 7 day annealed 300 nm film. The failure statistics of this
sample are plotted along with the data for the thicker films in
Figure 16b. Hence, the orientation of the microdomains also
affects the mechanical behavior of the tough pentablock
architecture. However, the effect is not as pronounced for the
pentablock copolymer as it is for the triblock copolymer with
comparableMW. A 50 kg/mol CEC triblock copolymer with
cylinders oriented perpendicular to the film plane throughout
the film thickness shows a median strain to failure of about
1%,16 whereas a similarly oriented 60 kg/mol CECEC penta-
block copolymer has a relatively high median strain to failure

of about 15.7%. Table 3 summarizes the results for this
cylindrical pentablock copolymer.

Conclusions
For the lamellar block copolymers, chain architecture has a

strong effect on their fracture behavior. The triblock and
pentablock architectures exhibit a tough and ductile response
to tensile testing due to the high content of the ductile E phase
and the glassy C blocks at ends that act as physical cross-links
for the ductile E phase. Despite the favorable orientation of the
lamellar sheets in the diblock copolymer, it exhibits quite brittle
behavior. The triblock copolymer cannot sustain its high median
strain to failure when it is diluted with the diblock copolymer
chains. The toughness of the pentablock copolymer is preserved
despite the addition of the brittle diblock architecture due to
the presence of a bridging C midblock between the soft E layers.
The mechanical behavior of a cylinder-forming pentablock
copolymer (CECEC) is affected by the orientation of the
cylindrical microdomains. A disordered structure with a random
orientation of the cylinders leads to a ductile behavior. The
ductility of the block copolymer film decreases considerably
as the fraction of cylinders oriented perpendicular to the
direction of strain is increased, and a film with perpendicularly
aligned cylinders throughout the thickness shows the lowest
median strain to failure. An easy path for crack propagation
through the brittle PCHE phase is responsible for the fracture
behavior of the perpendicular orientation. However, the highly
oriented CECEC film still has a much larger median strain to
failure than a similarly oriented CEC block copolymer with a
comparableMW. This shows that the bridging C midblock in
the pentablock architecture is primarily responsible for the
differences in toughness between the CEC and CECEC block

Figure 17. Schematic summarizing the effect of chain architecture in lamellar block copolymers (a, b, c) and microdomain orientation in a cylindrical
pentablock copolymer (e, f, g). The black arrows indicate the direction of strain.εf is the median strain to failure. (a) Lamellar diblock copolymer
film. The lamellae are oriented parallel to the direction of strain. (b) Lamellar triblock copolymer film. (c) Lamellar pentablock copolymer film. In
(b) and (c), the lamellae are oriented perpendicular to the substrate and surface. The orientation is random in the film plane. (d) Cylindrical pentablock
copolymer film with (e) a random orientation of cylinders, (f) grains of cylinders aligned with their axes parallel to the film plane, and (g) cylinders
aligned with their axes perpendicular to the film plane. Parts c and d show bridging (yellow circle) and looping (green circle) PCHE chains in the
lamellar and cylindrical pentablock copolymers.
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copolymers. The conclusions for the lamellar and cylindrical
block copolymers are summarized schematically in Figure 17.
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